 Phase diagram and phase fraction evolution of the Ti-43.5Al-4Nb-1Mo-0.1B-C system  Change in solidification pathway from β-to peritectic solidification with carbon addition 
Introduction
Advanced intermetallic β-solidifying γ-TiAl based alloys, such as TNM alloys with a composition range of Ti-(42-44)Al-(3-5)Nb-(0.1-2)Mo-(0.1-0.2)B (all compositions in at.%, unless stated otherwise), are known as promising candidates to replace heavy Ni-base superalloys as turbine blade materials in aircraft engines as well as turbocharger wheels in automobile combustion engines [1] [2] [3] [4] [5] . At room temperature (RT) TNM alloys exist predominantly of γ-TiAl and α 2 -Ti 3 Al phase as well as minor amounts of β o -TiAl-phase. Details about the TNM design and alloying concept are published in [5] [6] [7] [8] . The increasing demand on light-weight construction, higher efficiency and better performance of air-jet propulsion engines enforce the need and development of more creep-resistant γ-TiAl based alloys to raise the current application limit of about 750 °C [5] .
Compared to microstructural aspects, the increase of creep resistance is primarily attributed to the chemical composition of the alloy [4, 5, 9, 10] . It is well established that substitutional elements like Nb, Mo, Ta, and W as well as the interstitial elements C and N show a positive effect on the creep properties of γ-TiAl based alloys [4, 5, [9] [10] [11] . For high Nb-and Mo-containing TiAl alloys, solid solution hardening by Nb and Mo is the dominating hardening effect of the γ-TiAl phase. In addition, alloying of Nb and Mo leads to reduced diffusivity and, thus, to retarded thermal activated dislocation climb during creep [12, 13] . The same solid solution hardening effect is attributed to C below its solubility limit [14] . Additionally, cubic perovskite Ti 3 AlC
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-2 / 17 -carbides (p-type) can further enhance strength and creep performance due to precipitation hardening as shown for a variety of γ-TiAl-based alloys [4, 9, 15, 16] . Contrarily, the hexagonal Ti 2 AlC carbide (h-type), which is thermodynamically stable at higher temperatures, is known to be less efficient to impede dislocation mobility [4, 15] . However, it has to be noted that a decrease of dislocation mobility, which corresponds to a higher creep resistance, is always accompanied by a loss of ductility at ambient temperature, which makes the development of high-temperature resistant TiAl alloys with balanced mechanical properties difficult.
For binary γ-TiAl-based alloys, C-solubility in the γ-phase (L1 0 -structure) is very low because of the presence of Ti 2 Al 4 -and Ti 4 Al 2 -type octahedral sites within the L1 0 -lattice as shown in Fig. 1a [17] [18] [19] . The addition of Nb significantly increases the solubility limit of C within the γ-phase due to the formation of antisite defects leading to a certain content of beneficial Ti 6 -type octahedral sites [18] [19] [20] . Here, Nb occupies Ti-sites within the Ti-sublattice [21] and forces the occupation of Ti in the Al-sublattice of the γ-phase. As a consequence, octahedral sites are formed, which are surrounded only by Ti (Nb) atoms, where C is preferentially dissolved. Generally, C-solubility is increased with a higher Ti/Al ratio [20] . Ti 6 -type octahedral sites exist predominantly within the α 2 -Ti 3 Al phase with D0 19 -structure (Fig. 1b) [18] . The native presence of Ti 6 -type sites explains their about 6 times higher C solubility, when compared to the γ-phase [18, 20] . An analysis of carbide precipitation and their thermal stability in powder metallurgically produced Nb-rich Ti45Al-5Nb-(0.5-1)C alloys, so called TNB alloys, can be found in [22, 23] . Therein, carbide precipitation was observed at a nominal C-content of 0.75 at.% in the hot-isostatically pressed (HIP) materials condition.
Furthermore, the addition of the solid solution hardening elements such as Nb and Mo leads to a pronounced stabilization of the high-temperature disordered bcc β-Ti(Al)-phase (A2-structure), whereas Mo has an approximately 4 times stronger effect than Nb [24] . It is assumed, however, that the β-phase and its ordered counterpart β o -TiAl with B2-structure have only a small solubility for C.
Carbon is known to be a strong stabilizer of the hcp α-phase (A3-structure) and increases significantly the eutectoid temperature T eut , which corresponds to the beginning of the disordering reaction α 2 →α during heating [12, 25] . Its influence on the γ-solvus temperature T γsolv was found to be small [25] . Because C is not incorporated in the commercially available TiAl database, its effect on the phase evolution of high Nb-and Mo-containing TiAl-based alloys cannot be predicted by thermodynamic calculations [25] [26] [27] . However, the knowledge of the evolution of phase fractions in dependence of the C-content is essential for defining hotworking and heat-treatment parameters of TiAl alloys and can also be used to improve the thermodynamic database.
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Materials and experimental
The materials used in this investigation were produced by GfE Metalle und Materialien GmbH, Nuremberg, Germany. Details about melting and casting technology are given in [5, 28] . Thereby, compacted prematerial within a composition range of Ti-43.5Al-4Nb-(1-1.5)Mo-0.1B-(0-1)C (in at.%) was melted in a vacuum arc furnace for several times (Table 1) . Subsequently, the re-melted prematerials were cast via centrifugal casting (CC) or gravity casting (GC) to ingots with 58 mm in diameter. The ingots were HIPed at 1200 °C for 4 hours and 200 MPa followed by furnace cooling. Table 1 summarizes all investigated alloy variants. Additionally, the TNM variants with 0.5 -1 at.% C were near conventionally hot-forged by Böhler Schmiedetechnik GmbH & Co KG, Austria, via the so-called hot-die process [8, 29] and subsequently subjected to a recrystallization annealing at 1175°C near T eut in order to adjust a fine-grained microstructure [30] which is also required to improve statistics for the ensuing X-ray diffraction (XRD) investigations. In addition, a TNM-0.25C alloy variant was produced as button on lab-scale equipment in order to study the phase evolution between the C-free TNM and the TNM-0.5C alloy. The small button was not HIPed, but a heat-treatment with the HIP and recrystallization parameters was conducted in order to provide a similar thermal history.
The macrostructures of the cast and HIPed (cast/HIP) ingot variants were investigated by a stereomicroscope Discovery V20 from Zeiss, Germany, equipped with an AxioCam MRc5 camera. The surface was color-etched with an Ence Margolin solution according to [31] . All microstructures were analyzed subsequent to grinding and electrolytic polishing employing a scanning electron microscope (SEM) Zeiss EVO 50, Germany, with LaB 6 -cathode in back-scattered electron (BSE) mode. Energy-dispersive X-ray spectroscopy (EDS) was performed with an INCA Dry Cool from Oxford Instruments, Great Britain, on mechanical polished specimens to prevent carbide dissolution, which is commonly observed in case of electrolytic polishing. Details on metallographic preparation can be found in [31] . Conventional transmission electron microscopy (TEM) was applied using a Philips CM12 operating at 120 kV in order to study carbide formation below the resolution limit of the used X-ray diffraction techniques. Therefore, cut slices with a diameter of 3 mm were ground to a thickness of 100 μm and thinned electrolytically with an A3-electrolyte from Struers, Germany, cooled to -12 °C.
The cast/HIP ingot variants were subjected to texture measurements by means of high-energy X-ray . Due to the monochromator optics of the side station the primary beam contains a fraction of the second order of the adjusted wavelength. Whereas, the appearance of upper harmonics has no influence on texture evaluation, it is disadvantageous for phase identification due to the occurrence of additional diffraction peaks. The diffraction patterns were recorded with a Perkin Elmer XRD 1622 flat panel detector suitable for fast measurements. Thereby, the samples were rotated 180° around the vertical cylinder axis in 5° steps for the fine-grained microstructures and in 2° steps for the coarse-grained microstructures [32, 33] . The small diffraction angles allow the collection of complete discrete pole figures for all phases simultaneously. The evaluation of raw data in respect to the generation of azimuthal sections of the recorded 2D-diffraction patterns was done by the software Fit2D [34, 35] . Subsequently, the resulting chi-files obtained from Fit2D were converted to esg-files for further texture evaluation with the program MAUD [36] . The orientation distribution functions (ODF) were refined by means of E-WIMV approach [37] . The ODF resolution was defined to be equivalent to the step size of data collection, i.e. 5° or 2°. In situ HEXRD phase evolution experiments were carried out at HZG beamline HARWI II, W2 beamline at Doris III, DESY, using a modified quenching and deformation dilatometer from Bähr Thermoanalyse GmbH, Germany, in combination with a mar555 flat panel detector. A photon energy of 100 keV (λ = 0.124 Å) and a beam size of 1 x 1 mm 2 were applied to achieve good grain statistics. The cast/HIP samples with a size of 5 mm in diameter and 10 mm in length were heated up to 1100 °C and held for 10 min. Subsequently, the samples were heated with a slower heating rate of 2 K/min to 1300 °C. Due to accelerated phase transformation kinetics above 1300 °C a faster heating rate of 15 K/min was applied from 1300 °C to 1425 °C to retard excessive grain growth of the α-phase to minimize the risk of thermocouple tear-off. The temperature was controlled by type B thermocouples, which were spot welded on a Ta-platelet working as diffusion barrier to the sample surface. The phase fractions were evaluated by Rietveld analysis on azimuthally integrated diffraction patterns with the software TOPAS from Bruker-AXS, USA [38] [39] [40] .
The phase fractions as derived from in situ HEXRD measurements were verified for each alloy variant by means of 1 hour heat treatments within the characteristic phase field regions, followed by oil quenching.
Therefore, lab-scale XRD measurements with a D8 Advance from Bruker AXS conducted on heat-treated specimens below T γsolv were used to compensate temperature uncertainties of the dilatometer experiments -5 / 17 -as described in [39] . The heat treatments were performed in a high-temperature furnace RHF 16/15 of Carbolite, Great Britain, on specimens with a size of about 1 x 1 x 1 cm by enthalpy standards [25] .
Hardness measurements corresponding to Vickers HV10 were performed on electrolytic polished specimens using a universal hardness testing machine M4C 025 G3M from Emco-Test, Austria. The arithmetic mean value was derived from 5 individual hardness measurements. 
Results and discussion

Structural and textural evolution
The cast/HIP macrostructures of the ingot variants TNM and TNM-(0.5-1)C are shown in Fig. 2a . Here, the C-free TNM alloy shows a homogeneous and fine-grained macrostructure within the entire cross section due to solidification via the β-phase (the exact positions, where the metallographic specimens were taken from the ingot, are indicated in Fig. 2b ). An increase of 0.5 at.% C leads to a significant change of the macrostructure. Whereas the circumferential area appears fine-grained, the major part of the cross-section exists of coarse columnar α 2 /γ-colonies aligned in radial direction (RD) according to the temperature gradient present during solidification of the ingot. This structural difference indicates a change in solidification behavior, i.e. from β-to peritectic solidification. For the TNM-0.75C alloy the fine-grained zone is smaller than that of the 0.5 at.% C variant. It is tempting to speculate that grains from the fine-grained zone act as nucleation sites according to the Burgers orientation relationship {110} β || (0001) α and β || α [42] -6 / 17 -and trigger the formation and growth of the columnar α-grains in the direction of heat extraction. The columnar α-grains are present as α 2 /γ-colonies at RT [43, 44] . Therefore, α2 and are parallel to RD [44] according to the Blackburn orientation relationship (0001) α2 || {111} γ and α2 || 01] γ [45] . For the TNM-1C alloying variant, again a fine-grained solidification structure exists, whereas the grains seem to be coarser when compared to the C-free TNM alloy.
The corresponding microstructures of Fig. 2 are shown in Fig. 3 . Thereby, the TNM alloy in Fig. 3a exhibits the highest content of β o -phase at RT. For the alloy variants with 0.5 and 0.75 at.% C, Al-rich segregations arise due to the peritectic solidification reaction [46] which obviously cannot be compensated by subsequent HIPing (Figs. 3b,c) . Furthermore, the presence of residual dendrites with β-stabilizing elements points to a peritectic solidification pathway primary via the β-phase according to L → L+β → α (+β) [46] . The grain refinement of the TNM-1C alloy is attributed to the formation of an additional phase, i.e.
carbide formation (Fig. 3d) . SEM-EDS indicates this phase as h-type carbide (Ti,Nb) 2 AlC as derived from the measured chemical composition of Ti-23.5Al-2.5Nb-31.0C, where the Ti-content is about a factor of 2 higher than the Al-content. Nb tends to be dissolved within the Ti-sublattice [21] . The detection inaccuracy for C is about ± 5 at.%, therefore, the obtained chemical composition of the h-type carbide can only be seen as a first qualitative trend.
The results of texture measurements conducted on specimens in the cast/HIP condition are shown in according to columnar α 2 /γ-colonies perpendicular to the normal direction (ND). ND is parallel to the ingot axis (see Fig. 2b ). The weaker spots of the TNM-0.5C (0001)α 2 PF are propably formed during HIPing. In Fig. 4c , the recalculated {11 0}α 2 PF confirms the rotation-symmetric orientation of the columnar α 2 /γ-colonies around RD according to [43, 44] . In the TNM-1C alloy, h-type carbides act as efficient grain refiners and lead to a nearly texture-free microstructure again (Fig. 4d ).
For the identification of additional phases and the evaluation of phase fractions by HEXRD experiments, the microstructures of the cast/HIP TNM-0.5C and TNM-0.75C alloys are not suitable due to their strong solidification textures, i.e. insufficient grain statistics and accordingly phases are not visible when they are not in diffraction condition. In order to overcome these shortcomings, the ingot variants of the C-containing -7 / 17 -alloys were forged and subsequent heat-treated to obtain a fine-grained microstructure with better grain statistics (Fig. 5) . To rule out textural effects by azimuthal integration, the forging direction of the specimens was oriented parallel to the detector plane [48] . In case of TNM-0.5C the coarse α 2 /γ-colonies could not be completely recrystallized even at a local deformation of φ ≈ -0.9 (Fig. 5a ), but the amount of fine-grained zones is significantly higher when compared to the cast/HIP TNM-0.5C microstructure (Fig. 3b) . Because of the α-stabilizing effect of C, the amount of β o -phase in TNM-0.75C is reduced and coarse-grained α 2 /γ-colonies are still remaining within the microstructure (Fig. 5b) . After deformation and heat-treatment of the fine-grained TNM-1C material, the microstructure mainly consists of recrystallized α 2 -and γ-grains as well as aligned h-type carbides (Fig. 5c) . Obviously, within all investigated TNM-(0.5-1)C alloys a significant fraction of undesired deformation-induced micropores are present, which might be the result of an unfavorable high C-content and/or the low temperature at the end of the hot-die forging process.
High resolution HEXRD phase identification experiments confirm the presence of h-type Ti 2 AlC carbides in the TNM-1C alloy (see Fig. 6 ). For the h-type carbide the lattice parameters are calculated from the peak positions to c = 13.70 Å and a = 3.05 Å. Contrarily, for the alloying variants TNM-0.5C and TNM-0.75C no indications for the presence of carbides were found. For all TNM-(0.5-1)C alloys additional peaks can be attributed to the orthorhombic TiB-phase with B27-structure (see Fig. 6 ). The experimentally determined lattice parameters are a = 6.13 Å, b = 3.06 Å and c = 4.59 Å.
Carbon solubility and carbide formation
The appearing phase fractions of the forged and heat-treated microstructures at RT prove the α-stabilizing effect of carbon (Fig. 7a) . While the fraction of the γ-phase remains nearly constant with increasing content of C, the amount of α 2 -phase increases by a factor of about 2.5, from 15 m.% for the TNM alloy to 40 m.% for the TNM-(0.5-1)C alloys. Accordingly, the fraction of β o -phase is reduced from 23 m.% to smaller than 5 m.% for TNM-0.5C and TNM-0.75C until it seems to vanish for TNM-1C, i.e. phase fraction of β o is below the resolution limit, which is in good agreement with the micrographs shown in Fig. 5 .
The change of the unit cell volume of the major constituting phases γ, α 2 and β o in dependence on the Ccontent is shown in Fig. 7b . As a reference, the unit cell volumes of the forged and heat-treated TNM alloy were determined to be 133.2 Å 3 for α 2 , 33.1 Å 3 for β o and 65.6 Å 3 for γ [49, 50] . The β o -phase does not show a trend in the change of unit cell volume, accordingly no significant amount of C is dissolved within the β ophase. α 2 -and γ-phase, however, show a pronounced increase of their unit cell volume. Both phases reach a plateau, when the C-solubility limit is exceeded and carbide formation takes place. In case of TNM-1C the and high-resolution HEXRD investigations no indication for the formation of carbides within the TNM-0.75C alloy was found, which is not in agreement with powder-metallurgically produced TNB alloys, where p-type carbides are already present for 0.75 at.% C [23] . However, these alloys differ in Al and Nb concentrations.
TEM investigations confirm the absence of h-and p-type carbides within the cast/HIP as well as forged and heat-treated TNM-0.75C material (see Fig. 8 ). No indication of carbide formation was found within the γ-and β o -phase, which have a lower C-solubility when compared to the α 2 -phase. Also no carbide precipitates were found at β o /γ-or γ/γ-interfaces. The higher C-solubility within the studied TNM system in comparison to the TNB alloy in [23] can be attributed to a higher Ti/Al ratio as well as a higher α 2 -phase fraction by a factor of 2. In the present study, h-type carbides were found only in the TNM-1C alloy, but no p-type carbides were detected. Therefore, the overall carbon solubility limit of TNM alloys is between 0.75 and 1 at.% C.
Assuming, that the overall C-solubility limit is 0.75 at.% and the C-solubility limit of the α 2 -phase is about 6 times higher than in the γ-phase [20] with about 40 at.% α 2 -and 60 at.% γ-phase present (see Fig. 7a ), the maximum C-solubility can be estimated to be 1.5 at.% in the α 2 -phase and 0.25 at.% in the γ-phase. In this estimation, a C-content dissolved at interfaces was neglected. In a forthcoming study, atom probe analysis will be conducted to determine the maximum C-solubility of α 2 -, γ-and β o -phase.
The evolution of hardness with C-content of forged and heat-treated material is shown in Fig. 7c . The hardness increases about 100 HV10 until the C-solubility limit is reached corresponding to a gain in hardness of + 25 %. Above the C-solubility limit, precipitation of coarse h-type carbides does not further improve hardness. The appearance of a hardness plateau suggests further the absence of fine p-type carbides when compared to the HIPed C-doped TNB alloys in [23] . Thus, solid solution hardening is proposed to be the major contributing strengthening effect in the investigated forged and heat-treated TNM-C alloys. It has to be mentioned that the heat-treated TNM-0.25C button shows a good agreement with regard to phase fractions and unit cell volumes when compared to the forged and heat-treated ingot variants (Figs. 7a,b) , but cannot accurately reproduce the trend for hardness (Fig. 7c) . This can be explained by the missing HIPing and forging step which in turn lead to a different microstructure.
Experimental phase diagram
The experimentally determined phase diagram of the TNM-(0-1)C system is shown in Fig. 9 . The solidification sequence was studied by means of DSC measurements as described in section 2 and comprehensively reported in [25, 51] . The C-free TNM alloy solidifies via the β-phase according to the -9 / 17 -pathway L → L+β → β → β+α → … . For simplicity the role of Ti-borides as efficient grain refiners is not included in the sequence [5, 52] . TNM alloys which solidify completely via the β-phase show a β → α phase transformation exhibiting the Burgers orientation relationship stated in section 3.1. According to this, within a single β-grain α-grains with up to 12 orientation variants can be formed, leading to an intrinsic grain refinement which is not possible in case of a peritectic solidification. With increasing content of C the solidification pathway changes from β-to peritectic solidification as observed for the TNM-(0.5-1)C alloys.
Thus, the solidification pathway changes to L → L+β → L+β+α → β+α → … (see phase diagram in Fig. 9 ).
For the TNM-0.5C and TNM-0.75C alloys peritectic solidification leads to a coarse-grained columnar microstructure with sharp solidification texture (see Fig. 2 ) as reported also for other peritectically solidifying γ-TiAl based alloys [46, 53] . The grain refining effect within the TNM-1C alloy is attributed to the formation of h-type carbides and, thus, to an enhancement of heterogeneous nucleation during the subsequent solidstate phase transformations.
The phase fraction diagrams and the phase transition temperatures of the different alloys were derived by means of in situ HEXRD heating experiments (see Fig. 10 ). With increasing C-concentration the β-phase fraction in the vicinity of T γsolv decreases significantly, leading to an increase of α-phase. In addition to the Cfree TNM alloy complete solidification via the β-phase can also be observed for the TNM-0.25C alloy, because of the appearance of a single β-phase field region. The circle denoted as 1 in Fig. 9 , indicates where the solidification pathway changes from β-to peritectic solidification. According to the quasi-binary TiAl-4Nb-1Mo-0.1B section reported in [54, 55] , C has an about 6 times stronger effect on α-stabilization than Al, i.e. about 2.7 at.% Al have to be added to a TNM alloy with an Al-content of 43.2 at.% to cause peritectic solidification. The same effect results from the addition of about 0.45 at.% C to a C-free TNM alloy. For the TNM-(0.5-1)C alloys no occurrence of a single β-phase field region was found, which agrees well with the change in solidification behavior measured by DSC experiments. The decrease of β-phase also leads to the formation of a pronounced single α-phase field region, which is about 50 °C wide for the TNM-0.25C alloy and increases to about 150 °C for the TNM-1C alloy. Circle 2 in Fig. 9 marks the beginning of the formation of a single α-phase field region with increasing C-content. The starting point was estimated taking into account a 6 times higher α-stabilizing effect of C when compared to that of Al. T γsolv , which indicates the lower boundary of the single α-phase field region, is almost independent from the C-content as reported also in [25] for C-containing TNB alloys. The variation of T γsolv is primarily assigned to the different Al-contents of the investigated alloys (see Table 1 ) [24] . In contrast, addition of C strongly affects the α 2 → α disordering temperature T eut . For TNM-1C an increase of about 75 °C was observed when compared to the C-free TNM alloy. Accordingly, Chladil et al. [25] reported an increase of T eut of about 50 °C for Ti-45Al-(5-7.5)Nb-0.5C alloys. Between 0.75 and 1 at.% C the disordering reaction even proceeds within the (α+γ)-phase field region (see circle 3 in Fig. 9 ). In contrast, the low content of β o /β-phase and the weak superstructure peaks of the β o -phase in XRD-patterns [39] did not allow an accurate determination of the β o → β disordering reaction for the different alloy compositions. Finally, for the TNM-1C alloy an in situ HEXRD experiment with a heating rate of 2 K/min was conducted to study the temperature stability of the h-type Ti 2 AlC carbide. The dissolution temperature T hsolv was determined to be 1410°C, which agrees well with the investigations conducted on a TNB alloy as reported in [22] . Therefore, h-type carbides are supposed to have a grain refining effect during the solid-state phase transformations which occur during cooling. Complementary to the in situ HEXRD phase evolution experiments, static heat treatments were applied to verify the occurring phase field regions.
Representative micrographs are summarized in Fig. 11 and match well with the results derived from HEXRD investigations. It has to be noted, that after oil quenching to RT a single β-phase field region of the TNM alloy
at 1400 °C appears as two-phase (α 2 +β o )-microstructure due to the fast re-transformation kinetics β → α [24, 55] . As a consequence, the high-temperature phase fractions present in TNM specimens cannot accurately be determined when metallographic specimens are annealed at T > T γsolv and subsequently oil quenched [56] . For peritectic TNM-(0.5-1)C alloys the grain refining effect by the β → α phase transformation is not efficient anymore due to minor amounts of β-phase within the (α+β)-phase field region, i.e. the disappearance of the single β-phase field region leads to an inhomogeneous refinement of the former β-phase during oil quenching. The segregation existing in all peritectic solidified alloys could not be compensated during the 1 hour heat treatments at T < T γsolv . Furthermore, for TNM-0.75C after annealing at 1250 °C and 1350 °C a certain amount of β o -phase is present, which can arise due to segregational effects and/or temperature uncertainties during heat treatments near phase field boundaries (see Fig. 9 ).
Refined alloy composition
Maintaining β-solidification combined with an increased content of dissolved C, e.g. 0.5 at.%, makes it necessary to reverse the solidification pathway from peritectic to β-solidification by alloying higher amounts of β-stabilizing elements such as Nb or Mo. In the present study, the β-stabilizing effect is obtained by increasing the Mo-concentration from 1 to 1.5 at.% (Table 1 ). The microstructure of the refined TN1.5Mo-0.5C alloy is displayed in Fig. 12a The phase fraction diagram obtained by in situ HEXRD for the TN1.5Mo-0.5C alloy depicts the typical Cshaped course of the β-phase without the occurrence of a single α-phase field region. The evolution of phase fractions resembles that of the TNM alloy (Fig. 10) , however, the β-transus temperature T β is shifted to a higher temperature. For the TNM alloy T β was determined to be 1380 °C (Fig. 9) , whereas the single β-phase field could not be reached even at 1450 °C in case of the TN1.5Mo-0.5C alloy.
The refined solid solution hardened TN1.5Mo-0.5C alloy variant shows an improved creep performance when compared to the TNM alloy (Fig. 13) . After short-term creep tests at 780 °C and 150 MPa for 310 hours the creep strain of the TN1.5Mo-0.5C alloy is more than 50 % smaller than that obtained for the Cfree TNM alloy (Fig. 13a) . From Fig. 13b it is evident that the TN1.5Mo-0.5C alloy has not reached the minimum creep rate , whereas the TNM alloy has already passed . The minimum creep rate is 2.4•10 head of the crept sample. However, the major content of p-type carbides was formed within the γ-phase of the α 2 /γ-colonies due to the excess of C resulting from the decreasing α 2 -phase fraction and the reduced Csolubility of the γ-phase at testing conditions (Fig. 14b) [16] . Hardness tests within the gauge volume and the head of the crept specimens reveal that the phase fraction evolution during creep testing does not affect the hardness when compared to the cast/HIP starting condition. Thus, the formation of coarse p-type carbides within the α 2 /γ-colonies and the precipitation of smaller p-type carbides at dislocations seem not to contribute significantly to an increase of hardness. It also has to be mentioned that the raising content of γ-phase and the observed alteration of the lamellar structure have an opposite effect on hardness.
Conclusions
Based on the alloying concept developed for β-solidifying TNM alloys, the influence of C on solidification pathway, phase evolution and microstructure was studied. With increasing C-concentration, i.e. at 0.45 at.%, the solidification behavior changes from solidification via the β-phase to peritectic solidification, which leads to a coarse-grained columnar microstructure exhibiting a sharp solidification texture. Crossing the solubility limit of C, which is below 1 at.% C for the alloys investigated, leads to the precipitation of h-type carbides [18] .
Carbon is preferentially dissolved within Ti6-type octahedral sites as shown for α2-Ti3Al. In γ-TiAl only Ti2Al4-and Ti4Al2-type octahedral sites are existing.
Alloying with Nb leads to the formation of Ti6-type octahedral sites within the L10-structure. Consequently, the C-solubility of the γ-TiAl phase is increased as reported in [18, 20] . [44] . The fine-grained zone, which exists on the circumferential area of the ingot, is not shown in this schematic drawing. ND = Normal direction, RD = radial direction, TD = tangential direction (Table 1) as determined by in situ HEXRD experiments. 
